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Abstract

A new dual-phase nanocomposite of Ti;SiC,/SiC is being synthesized using preceramic polymers,
ceramic powders, and carbon nanotubes (CNTs) designed to be suitable for advanced nuclear reactors and
perhaps as fuel cladding. The material is being designed to have superior fracture toughness compared to
SiC, adequate thermal conductivity, and higher density than SiC/SiC composites. This annual report
summarizes the progress towards this goal and reports progress in understanding certain aspects of the
material behavior but some shortcomings in achieving full density or in achieving adequate incorporation
of CNTs. The measured thermal conductivity is adequate and falls into an expected range based on SiC
and Ti3SiC,. Part of this study makes an initial assessment for Ti;SiC, as a barrier to fission product
transport. Ion implantation was used to introduce fission product surrogates (Ag and Cs) and a noble
metal (Au) in Ti3SiC,, SiC, and a synthesized at PNNL. The experimental results indicate that the
implanted Ag in SiC is immobile up to the highest temperature (1273 K) applied in this study; in contrast,
significant out-diffusion of both Ag and Au in MAX phase Ti3SiC, occurs during ion implantation at 873
K. Cs in TisSiC, is found to diffuse during post-irradiation annealing at 973 K, and noticeable Cs release
from the sample is observed. This study may suggest caution in using Ti;SiC, as a fuel cladding material
for advanced nuclear reactors operating at very high temperatures. Progress is reported in thermal
conductivity modeling of SiC-based materials that is relevant to this research, as is progress in modeling
the effects of CNTs on fracture strength of SiC-based materials.
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Summary

This annual report documents the synthesis, characterization, and modeling of SiC-based alloys with
an overall structure of SiC/Ti3SiC, dual phase composites formed by simultaneous polycarbosilane
pyrolysis that forms nanocrystalline SiC and Si + TiC displacement reactions that form SiC + Ti;SiC,
interpenetrating phase composites. To the best of our knowledge these are the first such dual phase
composites made by combining these two methods. The structure and phase morphology of the
composites are determined by optical microscopy, scanning electron microscopy, and X-ray diffraction
methods. The general microstructural morphology is best described as a blocky, dual phase SiC/Ti;SiC,
composite with porosity confined to the SiC phase. Data for thermal conductivity and fracture toughness
indicate that properties of these composites are in agreement with what others have measured for similar
materials but synthesized by different methods, such as spark plasma sintering, for example. The
measured thermal conductivities determined using laser flash thermal diffusivity methods, while
preliminary, are in the range of 40 to 60 W/(m-K), which is about half of that for a standard SiC material,
such as Hexoloy SiC. This is an expected result since the thermal properties of Ti;SiC, are not as good as
SiC. These values are still higher than those typically measured for SiC¢/SiC woven composites, which
are often only 20 W/(m+K) or lower. However, the fracture toughness of the SiC/Ti;SiC, composites
produced here are significantly increased relative to Hexoloy SiC values. This is an encouraging result
and indicates that polymer pyrolysis methods can be used to continue these studies of combining in situ
displacement reactions together with CNT mats to make tougher composites than can be synthesized by
combining SiC and Ti;SiC, materials alone.

This report documents important experimental results from a diffusion study of fission product
surrogates (Ag and Cs) and a noble metal (Au) in MAX phase Ti;SiC,, cubic/hexagonal SiC, and a dual-
phase nanocomposite of Ti;SiC,/SiC. All of the implanted species were observed to be mobile in MAX
phase Ti3SiC, and to diffuse to the surface at moderately high temperatures (873 -973 K). However, Ag in
SiC was observed to be immobile at the highest temperature (1273 K) applied in this study. The results
from this study may provide an implication for caution of using Ti;SiC, as a fuel cladding material for
advanced nuclear reactors operating at very high temperatures.

Three significant modeling publications are highlighted that discuss new methods developed during
this project to model thermal conductivity of composites, specifically multi-phase composites such as
SiC¢/SiC composites, accounting for radiation damage degradation. The use of atomistic data is integrated
into the methodology, which makes it particularly powerful. The second area of modeling is a
micromechanics model of CNT toughening that emphasizes the limitations of CNTs in increasing fracture
toughness of SiC and, therefore, suggests that other methods need to be introduced, such as a textured
CNT mat as proposed here.
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Acronyms and Abbreviations
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CNTs Carbon nanotubes

CVD Chemical Vapor Deposition

CVI Chemical vapor infiltration

dpa Displacements per Atom

ECR Electron Cyclotron Resonance

EDS Energy dispersive X-ray spectroscopy

EMSL Environmental Molecular Sciences Laboratory

EMTA Eshelby-Mori-Tanaka Approach

FE Finite Element

FWHM Full Width at Half Maximum

GIXRD Grazing-angle Incidence X-ray Diffraction

HIM Helium Ion Microscopy

IMP Institute of Modern Physics

MAX M, AX, with n = 1, 2, or 3, where M is an early transition metal, A is mostly elements
in group 13 or 14, and X is C or N

MBL modified boundary layer

Micro-XRD Micro-beam X-ray Diffraction

MWCNT multiwall carbon nanotube

NEC National Electrostatics Corporation

NEET Nuclear Energy Enabling Technologies

oM Optical microscopy
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RBS/C

Rutherford Backscattering Spectrometry under Channeling condition

SEM Secondary Electron Microscopy

SEVNB single edge V-notched beam

SW single wall
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SRIMO03 Stopping and Range of lons in Matter code, version 2003
TEM Transmission Electron Microscopy

TOPAS Total Pattern Analysis Solution

TRISO Tristructural Isotropic

UD unidirectional

VE vanishing element

XRD X-ray Diffraction

a Thermal Expansion Coefficient along a Axis
a. Thermal Expansion Coefficient along ¢ Axis
Kmin Minimum Yield

Kin Thermal Conductivity
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Figures

Figure 1. A gel cast mixture of polycarbosilane polymer filled with 30-vol% SiC-particles and
then filled with 40-vol% Si + TiC powders and cured at 60°C. This creates a smooth solid
green disk that can be handled and machined. The smaller disk on the left is a 1-inch
diameter (2.54 cm) that is used for hot pressing while the larger disk on the right is 2 inches
(5.08 cm) in diameter fOr fUUIE USE. ......oiieviiiiiiiie et e e e tae e e 5

Figure 2. Unit cell of Ti3SiC,: (a) polyhedra of TicC separated by Si layers and (b) close-packed
hexagonal structure showing stacking with C occupying the octahedral sites within Ti-Ti
£ ST 6

Figure 3. Ternary isotherm section of Ti-Si-C system at 1250°C (1523 K). The 3:2 mole ratio of
Si:TiC (connected by the dashed line) reacts to give composition marked as TSC1 on this
diagram, which is on the join between SiC and Ti;SiC,. Overall, this diagram indicates that
four phases (SiC, TiC, Ti;SiC,, and TiSi,) are expected to occur in this SiC-alloy system at
CQUILIDITUIL ...t et ettt e st e et e st eebteesnbeeenseesnseesnseesnseeenneeenes 8

Figure 4. Optical micrograph showing SiC/Ti;SiC, interpenetrating phase microstructure visible
in several large colonies surrounded by porous SiC-polymer pyrolysis dark grey regions.
The light grey platelets in the large white particles are the SiC that forms during the
displacement reaction between Si and TiC. This sample was hot-pressed at 1550°C (1823 K)
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Figure 5. Optical micrograph of hot-pressed SiC-alloy at 1800°C and 20 MPa. The SiC-platelet
features in Fig. 4 are no longer present but are replaced by a more blocky SiC/Ti;SiC, phase
structure. The light grey phase is Ti;SiC, and the darker grey phase is SiC, both from the
displacement reaction and from the polymer pyrolysis plus the SiC-filler. SiC alignment
within the Ti3SiC, matrix is Still @VIdent. ....o..cooiiviiiiiiiiiiiii e 9

Figure 6. SEM images of a SiC-alloy hot pressed at 1800°C (2073 K) and 20 MPa pressure from
SiC-filled polymer plus Si + TiC powders at 63% powder loading. The white phase is the
Ti3SiC, phase and the darker grey phase is SiC. Note that the pores are contained entirely
WiIthin the S1C PRASE. ...oeoiiiiiiiee ettt st e e s teesteeeneeennseenes 11

Figure 7. XRD data from each of the samples listed in Table 2. Residual TiC is observed in some
of the samples but the major phases are SiC and Ti3SiC; as ShOWN. ..c.eoveeniiniinieinieneineennen. 12

Figure 8. Thermal conductivity data from Ref. [64] showing the effects of adding SiC to Ti;SiC,
to increase its thermal conductivity. PNNL average thermal conductivity data for the six
nominally identical specimens in Table 2 is shown in blue on this graph and corresponds
quite well with this published data...........cccooiiiiiiiriie e 13

Figure 9. Measured fracture toughness from each of the samples from Table 2 as determined
using the indentation fracture toughness method. Ten indents were used for each data point
shown in the figure. All of the samples showed an increase in toughness as compared to
Hexoloy SiC, which was also teSted. .......c.eevuieiiiieriiieiie e 13

Figure 10. Picture of two polycrystalline Ti;SiC,/3C-SiC nanocomposite plates (3x6x1 mm”), a
polycrystalline CVD 3C-SiC disk (8§ mm in diameter and 1 mm in thickness) and a 6H-SiC
single crystal wafer (8x8x0.3 mm?®) used in this StUAY...........covooveeveveeeeeeeeeeeeeeeeee e 15
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Figure 11. XRD pattern of a polycrystalline CVD 3C-SiC with an average crystallite size of 33.4
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Figure 12. XRD pattern of a dual-phase nanocomposite Ti;SiC,/3C-SiC with average crystallite
sizes of 34 nm for Ti3SiC; and 23 nm for 3C-SiC. ......ccoiiiiiiiiniiiiic e 15

Figure 13. XRD pattern of a polycrystalline Ti;SiC, plate cut and polished from a hot-pressed
bulk ingot (inserted optical IMAZE). ....ccveevvierciieeiiieeie ettt e e e e eenae e 15

Figure 14. (a) 2.0 MeV He™ RBS spectra for (a) a polycrystalline CVD 3C-SiC and (b) a
Ti5SiC,/3C-SiC nanocomposite implanted 7° off normal with 400 keV Ag*" at 873 K to

2.8x10'® jons/cm®. The Ag peak shown in (b) is due to out-diffusion of Ag to the surface of
the Ti3S1C2/3C-S1C NANOCOMPOSILE. ..vveeerreeireeiieeiieetieeieeerieeeete e st e sbeesbeesteeesaeesneeesnseesnns 17

Figure 15. A sequence of in-situ 3.0 MeV He" RBS spectra for a polycrystalline Ti;SiC,
implanted with 2.0 MeV Au’" at various implantation temperatures to the same ion fluence
OF 1.0X 10" HONS/CIM ... 18

Figure 16. 30 min isochronal annealing of a polycrystalline Ti;SiC, implanted with 1.0 MeV
Cs"" at 673 K to an ion fluence of 5.7x10"® 100S/CM’. .........oooevvrveereeeeeeseeeeeseeee s 18

Figure 17. 1073 K isothermal annealing of a polycrystalline Ti;SiC, implanted with 1.0 MeV
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1.0 Introduction and Background

SiC and SiC-based composites have been investigated for several years as candidate structural and
insulator materials for fusion energy systems [1-10]. Early SiC-based fibers for SiC-composites were
found to be unstable under irradiation [11], but more mature SiC-fibers have emerged as a successful
nanocrystalline SiC engineered material polymerized from high-purity polymers and e-beam crystallized
[1, 12]. SiC-based composites have thus emerged as a promising structural material for fusion energy
systems, including first wall and breeder-blanket materials. Joining, thermal conductivity, and gas
permeation remain as engineering issues for this application. While SiC-based composites, such as the
continuous, Hi-Nicalon Type S fiber, 2D woven, chemical vapor infiltration (CVI)-SiC materials [1, 2],
may have a place in advanced reactors, the gas permeability and thermal conductivity issues do not allow
some critical applications. A dense SiC-based material system with high thermal conductivity and small
impurity diffusion coefficients is required for this and other critical reactor materials applications.
However, monolithic SiC has low fracture toughness and cannot be considered without some
reinforcement phase. The critical issues that require resolution in order for new SiC-based materials to be
considered for advanced reactor uses are 1) fracture toughness, 2) radiation damage, 3) thermal
conductivity, and 4) fission product mobilities. Moving away from expensive fibers and CVI synthesis
provides a low-cost synthesis method that is an additional advantage.

Overall radiation damage tolerance and swelling at low temperatures is considered an issue for using
SiC-based materials at 573 K, which is the temperature range for conventional light water reactors. The
vast majority of the data indicates that swelling in SiC is significant at these temperatures, saturating at
about 2% swelling [13]. Thermal conductivity is also degraded at these irradiation temperatures,
decreasing to about 10 W/(m+K) or less at 573 K irradiations [13, 14] due to an accumulation of point
defect damage. These data suggest that it is far better for SiC-based materials to operate at higher
temperatures in terms of property degradation. For example, at 1073 K irradiation swelling in SiC is less
than 1% and thermal conductivity is upwards of 20 W/(m-+K).

Increasing the operating temperature by at least 200 K over current operating temperatures results in
improved performance for SiC-based materials, and the incorporation of carbon nanotubes (CNTs) should
alleviate the thermal conductivity issues that are of concern for many nuclear applications of SiC. Moving
away from expensive SiC-fibers to CNTs may also reduce manufacturing costs since CNTs are becoming
more of a commodity item. Others have shown remarkable improvements in materials properties using
CNTs of varying types [15].

The issues of 1) radiation damage tolerance and swelling at low temperatures, 2) thermal conductivity,
and 3) capability of low-cost synthesis methods are classified as problematic to SiC in general and are
specifically addressed in this research by advocating higher use temperatures, CNTs for improved thermal
conductivity, and also for lower cost synthesis methods. The proposed material, then, is not a fiber-
reinforced composite material with the associated high cost of fiber and gas permeability issues [13].
However, moving away from continuous fiber reinforced material exposes the low fracture toughness of
SiC, while at the same time making a gas impermeable material possible via near-theoretical dense
processing. The critical issue then becomes fracture toughness as long as the irradiation temperature
exceeds about 1000 K. Table 1 lists the various issues facing SiC-based materials with suggested
approaches to resolve them. An issue that has been overlooked for SiC-based alloys is the ability to block
the diffusion of fission products. Therefore, this research is an integral part of this study.



Table 1 — Research and Use Issues for SiC-based Materials as Nuclear Reactor Materials

Issue

Radiation Damage/Swelling

Description

Swelling is significant below
1173 K but saturates at low
doses.

Resolution

Nanocrystalline SiC/Ti;SiC, with
CNT reinforcement may have
superior damage resistance.
Operating temperatures adequate to

1700 K to avoid peak swelling.

Thermal Conductivity

Radiation damage creates large
phonon scattering, reduces Ky,
especially for SiC-fiber
composites made by CVI.

Avoid porous fiber composite CVI
architecture with all the internal
interfaces, add CNTs with superior
K, operate above 823 K.

Gas Permeable

Porous SiC-fiber composites by
CVI are highly gas permeable.

Avoid CVI architecture. Near
theoretical dense nanocrystalline
composites will be gas impermeable.

Fracture Toughness

Monolithic  SiC is  brittle
material; continuous SiC-fiber
materials have requisite

toughness, with strong R-curve.

Design tough nanocomposite using
Ti3SiC,-phase reinforcement plus
CNT mechanical reinforcement with
3D texture.

Fission Product Diffusion

Micro-cracks and pores in CVD
SiC allow radionuclide ''""Ag to
migrate and potentially to release
to the environment.

SiC/Ti3SiC, + CNT may block the
diffusion pathway by eliminating the
micro-cracks interconnected with
pores.

Lower Cost Synthesis

Continuous SiC-fiber composites
made by CVI have high costs
due to high cost of fiber.

SiC/Ti3SiC, + CNT composites will
have reduced processing costs
compared to SiC-fiber composites.

1.1  Fracture Toughness and Thermal Conductivity

-While continuous-fiber reinforced SiC-composites do have adequate fracture toughness via the well-
understood debonding fiber toughening mechanics, an approach using CNTs to improve both properties
requires some additional justification. One novel approach is using CNT mats that are textured in 3D
using new imprinting techniques to achieve more substantial toughening compared to untextured CNT
mats or to dispersed CNTs within SiC/Ti3SiC, nanocomposites. To the best of our knowledge, this
approach has not been tried yet by other researchers and clearly represents a new approach to composite
toughening using CNTs. With regard to fracture toughness and thermal conductivity, a SiC/Ti;SiC, +
CNT nanocrystalline composite could have adequate properties if well designed. Three different
mechanisms are being investigated to improve fracture toughness in these nanocrystalline composites.
One is through the use of SiC/Ti;SiC, composite toughening that makes use of the intrinsic toughness of
Ti3SiC,-phase materials. The second is the use of CNT toughening mechanics. Thirdly, the overall 3D
architecture of the CNT mats can provide energy absorption and enhanced fracture toughness.

Prior work at PNNL has demonstrated that solid-state displacement reactions between TiC and Si lead
to several tough alloys consisting of Ti;SiC; and SiC [16, 17]. A displacement reaction occurs when two
(or more) materials are combined and undergo a simultaneous reaction to produce two (or more) product
phases. The displacement reaction between Si + TiC produces SiC + Ti3SiC; in an interpenetrating phase



morphology. The two product phases often interpenetrate since they form via short-range diffusion
simultaneously and, therefore, remain proximate during the reaction. The phase morphology produced by
the Si + TiC reaction consists of SiC-platelets aligned within blocky Ti;SiC, grains, which contributes to
an intrinsic toughening. PNNL-produced SiC/Ti;SiC, composite materials exhibit a K;c toughness of
almost 10 MPaVm without further optimization. The increased toughness is attributed to the intrinsic
toughness of the Ti;SiC, phase, one of the so-called MAX phase layered ceramic structures [17-22],
which grows in an interpenetrating manner with the SiC phase during the displacement reaction. In
addition, the growth during displacement reaction processing provides a highly aligned microstructure
that enhances this toughness. The addition of CNTs, as either individual entities or as textured 3D mats,
will also enhance the fracture toughness compared to monolithic SiC [13]. The 3D texturing effect is
more difficult to quantify without additional data, however the energy absorption due to CNT
straightening and interlocking, as well as crack deflection and tortuosity will achieve additional
toughening compared to simple CNT dispersions in a SiC-matrix. The goal is to synthesize a material
with a Kjc toughness of at least 15-20 with a substantial R-curve response, and it is anticipated that the 3D
texturing will help achieve this toughness increase.

CNTs have been shown to increase thermal properties for almost all materials that they can be
distributed in [23-26]. The results of small additions of CNTs to polymers, for example, lead to thermal
conductivity increases of up to 60% depending on the loading and on the type of CNT. Additions of
CNTs to conventional C-fiber-reinforced SiC-composites also indicate improved thermal conductivity
[23]. This is significant because present SiC¢/SiC composites are borderline for thermal conductivity for
nuclear applications and this critical property only degrades under irradiation [13].

1.2 Radiation Damage Resistance

Although SiC has excellent radiation damage resistance it is not immune to radiation damage
processes. Under 2 MeV Au*" ion irradiation at room temperature, nanostructured high-purity 3C-SiC,
composed of 4.6-nm crystallites, was fully amorphized at a dose comparable to the amorphization dose
for bulk SiC [27]. The behavior can be attributed to high ion flux and sluggish migration of point defects
within the SiC grain interior. Amorphization in nanocrystalline 3C-SiC is likely to arise from local defect
accumulation and interaction within the interior of grains, leading to a catastrophic disruption and
collapse of the crystal structure, quite similar to the processes in ion-irradiated bulk single-crystal SiC.
Recent results [28] have revealed that, under identical irradiation conditions with Si" ions, full
amorphization of 3C-SiC with grain sizes ranging from 2.0 — 3.8 nm requires a lower dose than for single
crystal 3C-SiC. The average size of the 3C-SiC crystallites, observed from the (111) plane diffraction,
decreased nonlinearly from 3.8 nm for an unirradiated sample to 1.5 nm for a fluence of 12 Si’/nm’ at
room temperature, and further decreased until the material was fully amorphized at 0.24 dpa. This
behavior has been attributed to interface amorphization during the ion irradiation. Recent results [29]
indicate that although nanograins of SiC can be readily amorphized under ion irradiation below 500 K,
nanograins at 550 K grow to larger sizes; furthermore, the grain size tends to saturate at a high fluences
[29]. The observed sharp transition from irradiation-induced interface-driven amorphization at 500 K to
crystallization at 550 K is an indication of the structural stability of the nanostructured SiC under ion
irradiation. Clearly, more research efforts are needed to study the higher-dose behavior of nanocrystalline
SiC as well as to understand the physical processes.

1.3 Fission Product Diffusivities

Silicon carbide (SiC) and SiC/SiC composites have been proposed and tested as a cladding material
for nuclear fuels (such as UCO and UQ,) in the tri-structural-isotropic (TRISO)-coated particle design



[30, 31]. It consists of four layers of surface coatings, including a SiC layer of several to tens of microns
in thickness. The SiC layer not only provides the mechanical strength for the fuel particle, but also acts as
an impenetrable barrier for fission products, including metallic and gaseous species. The behavior of
fission products in the TRISO-coated particles was studied up to 1573 K with high burn-up (up to 10%)
[32]. Tests of the post-irradiated TRISO coated fuel particles at accident temperatures of 1973 and 2073
K were also performed [33]. The results show that the irradiated fuel in the pre-heating test has a
relatively large fractional release of the excited state ''""Ag compared to other radionuclides, such as
B7Cs, "*Eu and *Kr. The time-dependent fractional release of ''""Ag is the highest. Large cracks of the
SiC layer was also found after annealing at the extremely high temperatures.

Our early study [34] of Ag diffusivity in both crystalline and amorphized SiC indicated that Ag is
immobile in SiC up to 1573 K even in the presence of ion irradiation. The results were confirmed by a
number of research groups [35, 36]. First-principles calculations [37] suggest that Ag is immobile in SiC
bulk, but becomes mobile on SiC surfaces. The inner surfaces of the interconnected pores and micro-
cracks in CVD SiC could provide a faster diffusion path for Ag to reach the surface of the fuel particle.
Ag could also evaporate and release in the gas form through the pathway. It is currently believed that
micro-cracks and pores in the CVD SiC layer play a key role in the Ag transport. SiC as a cladding
material has a number of potential advantages, including good high-temperature corrosion properties,
great high-temperature strength, low effective neutron absorption cross section, and good dimensional
stability at high temperatures. However, it is brittle, which can promote in-service failure. The material is
vulnerable to oxidation under certain conditions and its susceptibility to stress corrosion cracking is not
yet clear. It gradually loses strength due to neutron irradiation, affecting its mechanical integrity during
service.

In order to improve fuel performance and prevent fission products from release, more ductile cladding
materials with very low diffusivities of fission products at reactor-relevant high temperatures need to be
explored. MAX phases (M,+1AX, with n = 1, 2, or 3, where M is an early transition metal, A is mostly
elements in group 13 or 14, and X is C or N) have a layered, hexagonally close-packed structure. They
share outstanding properties of both metals (machinable, ductile, highly thermally conductive, highly
radiation-resistant, etc.) and ceramics (elastically stiff, highly corrosion resistant, thermal shock resistant,
having a high melting point, etc.). As such, MAX phase materials are considered as hybrids of ceramics
and metals. The unique combination of the properties may make them good candidates for use as
structural materials in nuclear reactors. Titanium silicon carbide (Ti;SiC,), the most studied MAX phase
to date, has fracture toughness about three times higher than SiC at ambient temperature [38]. The ternary
compound has been proposed as a possible fuel-cladding material [39-41]. To the best of our knowledge,
there have been no diffusion studies of fission products in Ti;SiC, or other MAX phases to date. It is of
scientific interest and technological importance to investigate and understand the diffusion behavior,
especially at elevated temperatures. In this study, fission product surrogates (Ag and Cs) and a noble
metal (Au) were introduced into MAX phase Ti;SiC,, SiC, and a dual-phase nanocomposite of
Ti3SiC,/SiC using ion implantation. The diffusion behavior of the implanted species and structural
changes were studied as a function of annealing temperature (isochronal), duration (isothermal) and
irradiation status (present or absent) using Rutherford backscattering spectrometry (RBS), x-ray
diffraction (XRD) and helium ion microscopy (HIM).



2.0 Materials Synthesis and Structure

2.1 Synthesis of SiC Alloys with Ti;SiC

SiC-based alloys are being synthesized using a commercial polycarbosilane polymer consisting of
either pure polycarbosilane or polycarbosilane filled with SiC-particles', with added Si and TiC powders.
Si and TiC undergo a solid-state displacement reaction to form a dual-phase nanocomposite consisting of
SiC + TisSiC,. The materials are combined at maximum powder loading amounts, which is typically
about 70% by volume. The Si powders are 99.995% purity and less than 10-pm in diameter. The TiC
powders are 99.95% purity and 2-um in diameter. The Si and TiC powders are combined using ball
mixing for 16 h using zirconia balls as the mixing media at low mixing rates of 30 to 40 RPM. The
polymers are then added to the mixed Si + TiC powders and further ball-mixed under inert atmospheres
for an additional 16 h followed by 20 min sonication step for suspending the powders in the liquid prior to
gel casting. The liquid slurries are then cured at 60°C for several hours to several days in an inert gas
oven. This forms a green solid disk that is suitable for further processing, such as hot pressing (See Figure
1). The pure polycarbosilane requires several days to cure whereas the polymer filled with SiC-particles
(SL-MS30) requires only a few hours.

2-inch disk for
scale up in future.

1-inch disk for hot
pressing studies.

TiC+Si/SL-MS30

1 cm

Figure 1. A gel cast mixture of polycarbosilane polymer filled with 30-vol% SiC-particles” and then
filled with 40-vol% Si + TiC powders and cured at 60°C. This creates a smooth solid green disk that can
be handled and machined. The smaller disk on the left is a 1-inch diameter (2.54 cm) that is used for hot
pressing while the larger disk on the right is 2 inches (5.08 cm) in diameter for future use.

X-ray diffraction (XRD) and differential thermal analysis (DTA) were used to study the pyrolysis of
these polymers, which can be fully crystallized above 1550°C (1823 K). Although both polymers were
investigated during this initial study, it proved easier to work with the filled polymer system, the SL-
MS30 system together with the added Si + TiC powders. The cured green disks were smoothed to remove
the edges formed from the molding step, wrapped in graphite paper (Grafoil) and hot-pressed in a
graphite die at 1800°C (2073 K) and 20 MPa for 2 h. The disks were typically 3-mm in thickness and
consolidated to 2-mm thick after hot pressing.

! Starfire Systems, Inc., Schenectady, NY
? SL-MS30 is a Starfire designation referring to 30-vol% SiC-particulate filled polycarbosilane



2.2 Structure and Properties of MAX Phase Ti;SiC;

Titanium silicon carbide is one of the MAX phases in the group 312, and is the only known Si-
containing bulk MAX phase. MAX phases have a hexagonal, layered structure with space group P6s;/mmec
(194); combining M¢X octahedra with a single intercalating layer A. There are over 60 MAX phases
currently known in 3 groups (211, 312 and 413) with different compositions and lattice parameters [42].
MAX phases with new compositions are still being discovered, especially in the group 413. Figure 2
shows the lattice structure of Ti;SiC, unit cell [42, 43] with a = 0.307 nm, ¢ = 1.767 nm and a theoretical
density of 4.52 g/cm’. The close-packed Ti and Si layers are arranged in the sequence of Ti-Ti-Ti-Si-Ti-
Ti-Ti-Si, with C occupying the octahedral sites between the Ti layers, forming TisC polyhedra that are
edge sharing. Si atoms are located at the center of trigonal prisms. There are two polymorphs of Ti;CSi,,
ie, o and f polytypes, with stacking sequences of AyBaByApCaCPBAyBaByA and
AyBcBYABCbCBAYBcBYA, respectively, where the capital letters denote Ti layers, low-case letters Si
layers, and Greek letters C positions. Since transformation from o- to P-Ti;SiC, does not involve
breaking the strong Ti-C bonds, the process has relatively low activation energy. The simulated
diffraction patterns of the two polytypes look similar, but can be readily distinguishable by the locations
of their 100% reflection peaks (26 = ~39.5° for a-Ti3SiC, and ~42.5° for $-Ti3SiC,). There is a repeat of
two TigC octahedra with an intercalating layer of Si atoms in the Ti;SiC, structure (group 312), while
MAX phases in groups 211 and 413 have repeats of one and three M¢X octahedra, respectively.

Figure 2. Unit cell of Ti3SiC,: (a) polyhedra of TisC separated by Si layers and (b) close-packed
hexagonal structure showing stacking with C occupying the octahedral sites within Ti-Ti layers.

In general, MAX phases, including Ti;SiC,, are considered as a hybrid of metals and ceramics
because they have both metallic nature of the M-X bonds that are exceptionally strong and the elongated
M-A bonds that are relative weak (especially in shear) in the layered structure, resulting in an unusual
combination of physical and chemical properties. The ternary compounds are elastically stiff, yet
relatively soft and readily machinable. They behave like a “ductile ceramic” with high fracture toughness
and good thermal and electrical conductivities. The materials are the only polycrystalline solids that
deform by a combination of kink and shear bands, together with the delamination of individual grains.
Dislocations in MAX phases multiply and are mobile at room temperature, glide on the basal plane, and
are arranged either in arrays or kink boundaries [44]. Ti;SiC, combines mechanical anisotropy with
thermal properties that are fairly isotropic (a,= 8.6 x 10°K™" and a.= 9.7 x 10°K"' [45]). It has a thermal



conductivity ranging from kg = 37 Wm™'K™" at 300 K to 32 Wm'K™" at 1300 K, mostly from electronic
contributions. Pure Ti;SiC, is thermally stable up to at least 1973 K [46], but decomposes in vacuum
between 1273 and 1473 K [47] due to low barriers to Si loss. Polycrystalline Ti;SiC, can be oxidized in
air over the temperature range between 1173 and 1673 K [48]. With the exception of HNO3;, MAX phase
Ti3SiC; has a very low corrosion rate in many of the common acids and NaOH at room temperature [49].
It is also resistant to thermal shock [50, 51] and creep [52, 53], and is tolerant to mechanical damage and
irradiation-induced amorphization [39-41, 54, 55].

3.0 Characterization of SiC Alloys with Ti;SiC,

Hot-pressed SiC/Ti;SiC, materials in the form of thin disks were fabricated as discussed above and
were characterized using optical and scanning electron microscopy, density via Archimedes method,
thermal conductivity using laser flash methods, and fracture toughness using indentation methods. The
disks were also used for the density measurements but were then sectioned and polished in cross-section
for the microscopy studies, XRD, and indentation fracture toughness testing. Table 2 lists the major
results from the characterization work to date.

Table 2. Basic Property Data for Hot-Pressed Nanocrystalline SiC and Ti3SiC, Dual Phase Materials

Sample LD. P . | Kn(25°C) | K (300°C) | Ky (500°C) | Ti-Phase K.

(g/em’) | (WmeK) | (WmeK) | (W/m-K) (%) | (MPavVm)
Hexoloy SiC 3.10 1133 78.6 66.9 - 4.6
S30-TSC57-HP-T18-052 3.79 56.1 42.0 390 - 4.7
S30-TSC57-HP-T18-053 3.66 26.0 336 - - 4.8
S30-TSC60-HP-T18-060 3.83 492 63.5 59.6 39.2% 50
S30-TSC63-HP-T18-079 3.83 18.8 32.6 352 44 4% 7.5
S30-TSC63-HP-T18-080 3.81 39.6 37.7 36.0 36.8% 54
S30-TSC63-HP-T18-089 3.80 29.0 28.1 284 31.5% 52
S30DCP-TSC63-HP-T18-093 403 20.2 242 26.1 - 5.7
S30DVB-TSC63-HP-T18-094 403 23.6 27.0 28.1 - 5.8

The densities of the hot-pressed materials approach the theoretical density of solid bodies that are
50% SiC and 50% TisSiC,, which is 3.87 g/cm3. The majority of the samples produced contain
significant porosity that appears to be related to the inability of the hot press to achieve higher pressures
during hot pressing. Note that the fracture toughness values are all above that of Hexoloy SiC but that
measured thermal conductivities are lower.

3.1 Optical Microscopy (OM)

Optical microscopy (OM) was used to image the samples from 50x to 500x with a DIC prism in order
to observe the phase morphologies, determine porosity, and perform simple stereological measurements.
The main findings from the OM data presented here is that the SiC-alloy has been synthesized and
consists of a porous SiC phase and a dense Ti;SiC, phase having an overall microstructure consistent with
an annealed displacement reaction structure. The porosity is apparently due to the fact that the hot
pressing is being performed at a pressure that is too low to allow densification of the filled polymers.

To help understand the phases that are in the OM images, Figure 3 shows the phase diagram for the
ternary Ti-Si-C system that is appropriate for the SiC-based alloys being synthesized using SiC-polymers



and Si + TiC powders. These react together to form SiC from the polycarbosilane plus SiC + Ti3SiC,
from a displacement reaction between the Si and TiC. Previous work at PNNL using these reactions to
form interpenetrating phase composites [17, 56] in a variety of systems involving metal carbides and Si
and on joining SiC using Si + TiC [57-61] has resulted in a deep understanding of the microstructure
formation during these complex reactions [62, 63].

Si TiSiy TiSi TisSi4 TisSizCy

Figure 3. Ternary isotherm section of Ti-Si-C system at 1250°C (1523 K). The 3:2 mole ratio of
Si:TiC (connected by the dashed line) reacts to give composition marked as TSC1 on this diagram, which
is on the join between SiC and Ti3;SiC,. Overall, this diagram indicates that four phases (SiC, TiC,
Ti3SiC,, and TiSi,) are expected to occur in this SiC-alloy system at equilibrium.

Figure 4 shows one of the early results from hot-pressing the pure SiC polymer, polycarbosilane,
filled with Si + TiC powders at 1550°C in argon. The characteristic dual phase observed in the large white
particles is due to the simultaneous growth of SiC as platelets oriented within the Ti;SiC, matrix phase.
The two phases form together as the Si + TiC displacement reaction occurs due to coupled diffusion at
elevated temperatures [62, 63]. The darker grey regions are the SiC phase from the polycarbosilane
pyrolysis. Some porosity is also visible in the image. XRD studies have shown that better yield of
crystalline SiC is obtained at higher temperatures and that hot pressing at temperatures higher than
1550°C would also give higher overall densities. It was also decided to work with the SiC-filled polymer,
denoted as SL-MS30, since higher ceramic yields are achievable. Green curing time is also reduced and
much higher densities are obtained.

Figure 5 shows a typical hot-pressed microstructure following hot pressing at 1800°C (2073 K) and
20 MPa pressure in graphite dies under vacuum. At 1800°C the displacement reaction microstructure is
best described as blocky SiC dispersed within and around a larger grained Ti;SiC, phase.
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Figure 4. Optical micrograph showing SiC/Ti;SiC, interpenetrating phase microstructure visible in
several large colonies surrounded by porous SiC-polymer pyrolysis dark grey regions. The light grey
platelets in the large white particles are the SiC that forms during the displacement reaction between Si
and TiC. This sample was hot-pressed at 1550°C (1823 K) in argon.

Ti3SiC, phase.
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Figure 5. Optical micrograph of hot-pressed SiC-alloy at 1800°C and 20 MPa. The SiC-platelet
features in Fig. 4 are no longer present but are replaced by a more blocky SiC/Ti;SiC, phase structure.
The light grey phase is Ti3SiC, and the darker grey phase is SiC, both from the displacement reaction and
from the polymer pyrolysis plus the SiC-filler. SiC alignment within the Ti3;SiC, matrix is still evident.

3.2 Scanning Electron Microscopy (SEM)

Scanning electron microscopy (SEM) was performed to obtain higher magnification images as well as
perform energy dispersive X-ray spectroscopy (EDS) for compositional information in conjunction with
X-ray diffraction (XRD). The SEM images reveal information that is not observed in the OM images and



also provide detailed spatial compositional information. Figure 6(a-c) show a sequence of SEM images of
increasing magnification of the sample shown in Fig. 5 and reveal 1) the Ti;SiC, phase is polycrystalline
and dense, 2) the SiC phase is blocky, fine-grained, and often crystallographically-aligned with the
Ti3SiC, particles, and 3) the porosity is always in the SiC phase.

The loss of the interpenetrating phase where the SiC-platelets are present throughout the Ti;SiC,
phase is a consequence of the hot-press temperature of 1800°C. This is not a desirable outcome but the
tradeoff is seen in the densities. For example, the sample shown in Fig. 4 pressed at 1550°C has a density
of 2.6 g/lcm’ while the sample shown in Fig. 5 and pressed at 1800°C has a density of 3.8 g/cm’. The
sample in Fig. 5 has a density of 3.83 g/cm’, which is quite good.

The EDS data for the specimens listed in Table 2 is provided as an average for the SiC phase and for
the Ti3SiC, phase for all the samples as Si:C is 1.01:0.99 for the SiC phase and as Ti:Si:C is 2.7:1.0:2.57
as shown in Table 3 using atomic percentages. This is good evidence for having formed the desired
phases but the XRD data is the critical data for confirming the phase mixture.

Table 3. Average of EDS data for SiC and Ti3SiC, phases from SEM data

Phase Ti (atomic %) Si (atomic %) C (atomic %)
SiC 0 50.1 49.8
Ti3SiC, 43.1 15.9 41.0

3.3 X-ray Diffraction (XRD)

The data from XRD taken using Cu-K radiation is shown in Figure 7 for each of the samples listed in
Table 2. All of these samples were hot-pressed for 2 hours at 1800°C (2073 K) at 20 MPa under vacuum
and all had densities above 3.65 g/cm’. This data confirms the phase formation deduced from the SEM
and OM images.

3.4 Density

The densities were determined using Archimedes method with a system that uses a high specific
gravity fluid and high-precision balances to achieve a total measurement accuracy of 4 significant figures.
Steady progress has been made in increasing the final density into the 3.8-g/cm’ range.

3.5 Thermal Conductivity

Thermal conductivities are measured from 25°C to 500°C (300 to 773 K) in vacuum using a
commercial laser flash thermal diffusivity instrument. The hot-pressed disks are cleaned and polished to
remove the graphite paper residue and provide a consistent surface finish for these measurements. The
data for all the samples is shown with values at 25°C, 300°C, and 500°C included in Table 2 along with
calibration data for Hexoloy SiC that agrees very well with published data for that material. Consistent
with phonon-dominated heat flow in SiC-based materials, the measured thermal conductivity for Hexoloy
decreases with increasing temperature. Hexoloy SiC is used as a standard and is tested with each sample
to ensure that the instrument is maintaining its accuracy over time.

Literature data for thermal conductivity of Ti;SiC, indicates that it exhibits weak temperature
dependence with decreasing conductivity with increasing temperature and it ranges from about 37 W/m-K
at room temperature (300 K) to 35 W/m-K at 500°C (773 K) [45, 64]. Since the conductivity of SiC is
higher than that for Ti;SiC, it is observes, as by others, that compositing with SiC increases the
conductivity. Since the conductivity of SiC is also a function of grain size and an average grain size has
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Figure 6. SEM images of a SiC-alloy hot pressed at 1800°C (2073 K) and 20 MPa pressure from SiC-
filled polymer plus Si + TiC powders at 63% powder loading. The white phase is the Ti;SiC, phase and
the darker grey phase is SiC. Note that the pores are contained entirely within the SiC phase.
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Figure 7. XRD data from each of the samples listed in Table 2. Residual TiC is observed in some of
the samples but the major phases are SiC and Ti3SiC, as shown.

not yet determined for these materials it is not yet possible to accurately estimate the contribution that SiC
makes to the thermal conductivity but the data does show that some of the samples exhibit an increased
conductivity compared to polycrystalline Ti;SiC,. In fact, the data, with the exception of the room
temperature data, is quite consistent with the data of others in the literature for SiC/Ti;SiC, as shown in
Figure 8. It is observed that the thermal conductivity values for the materials synthesized here fall into the
range expected for a composite of Ti;SiC, and SiC [45, 64] but the data show a slight increase in thermal
conductivity with increasing temperature in contrast to what is expected. At the present time the cause of
this discrepancy is not understood but it must be noted that it is a real and consistent trend in the data.
Values range from 36 W/m+K at 25°C to 40 W/m+K at 500°C. The highest values produced are for
Sample 060 with 49 W/m-K at 25°C, 63 W/m+K at 300°C, and 60 W/m-K at 500°C, which is quite
respectable conductivity for a composite material consisting of SiC/Ti3SiC, [45, 64].
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Figure 8. Thermal conductivity data from Ref. [64] showing the effects of adding SiC to Ti;SiC, to
increase its thermal conductivity. PNNL average thermal conductivity data for the six nominally identical
specimens in Table 2 is shown in blue on this graph and corresponds quite well with this published data.

3.6 Fracture Toughness

The measured fracture toughness data is shown in Figure 9 as determined using the indentation
fracture toughness method following the generally accepted methodology as outlined in Ref. [65]. As is
evident, additions of Ti;SiC, to SiC generally increase the fracture toughness but only nominally as has
been noted before. Similar to the thermal conductivity data, these toughness results are consistent with
literature data for fracture toughness of SiC/Ti;SiC, composites prepared by other methods [64].
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Figure 9. Measured fracture toughness from each of the samples from Table 2 as determined using the
indentation fracture toughness method. Ten indents were used for each data point shown in the figure. All
of the samples showed an increase in toughness as compared to Hexoloy SiC, which was also tested.
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Fission Product Surrogate Diffusion

Samples used in this study include polycrystalline TisSiC, (10x10x1 mm®), dual-phase
nanocomposite of Ti;SiC,/3C-SiC (3x6x1 mm”®) synthesized at PNNL, CVD 3C-SiC (8 mm in diameter
and 1 mm in thickness), and single crystal <0001>-oriented 6H-SiC (8x8x0.3 mm’), as listed in Table 4
and shown in Figure 10. The XRD pattern from a symmetric scan based on Cu K, radiation (A = 0.154
nm) for polycrystalline CVD 3C-SiC is shown in Figure 11. The data suggests that the major phase of the
CVD sample is the cubic SiC (3C-SiC) with a very small fraction of the secondary phase, likely 2H-SiC,
present in the sample. The average crystallite size of the 3C-SiC is determined to be 33.4 nm. Figure 12
shows the XRD pattern for the nanocomposite Ti;SiC,/3C-SiC. Two major phases in the sample are

identified as being cubic phase of SiC and MAX phase a-Ti;SiC, with the average crystallite sizes of 23
and 34 nm, respectively. No significant fraction of secondary phases is observed in the nanocomposite.

Table 4. Materials, ion implantation and thermal annealing conditions.

Sample
E Fl Irr. T .
Material Ion fersy 16 'uence o Tilt rr. emp Ann. Temp./Time/Environment
(MeV) (107 ions/cm”) (K)
(Deg.)
Ti3S1C,/3C-SiC
Gl . 1073,1273 K
CVD 3C-SiC |Ag 0.4 2.8 7 873 .
GH-SIC 120 min, Ar
-Si
230,300,373,473
TisSi AU’ 2. 1.0 ° ) N
BSICs w20 O | s13.673.773.873 one
1073 K: 5,15,30,60,120 min, 10 Torr;
30 min: 723,773,823,873,
TiSic,  [cs™| 1.0 5.7 7 673 T e S0

923,973,1023,1073 K, 10 Torr;
1173 K, 30 min, Ar
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Figure 10. Picture of two polycrystalline Ti;SiC,/3C-SiC nanocomposite plates (3x6x1
mm?®), a polycrystalline CVD 3C-SiC disk (8 mm in diameter and 1 mm in thickness) and a
6H-SiC single crystal wafer (8x8x0.3 mm”®) used in this study.

1X105 T T T T
1x10° F = AMCu Ka) = 0.154 nm 4
= Polycrystalline
4 2 CVD 3C-SiC
8x10 8 33.4(5)nm 1

Intensity (counts)
2
3

4x10* - 1
2x10° - 0 o o 1
Q Q
0 e 2
20 30 40 50 60 70

20 (degree)

Figure 11. XRD pattern of a polycrystalline
CVD 3C-SiC with an average crystallite size of
33.4 nm.

The 6H-SiC wafer from Cree Inc. had high
monocrystalline quality. A hot-pressed bulk ingot
of Ti;SiC, was purchased from Reade Advanced
Materials and was cut into smaller samples, as
shown in the inset of Fig. 13. The sample surface
was ground on diamond laps and silicon carbide
sand papers before it was ultrasonically cleaned,
rinsed and blow dried. The final polishing was
performed with a mix of solutions of Struers OPS
Colloidal Silica polish and Hydrogen Peroxide.
Figure 13 shows the XRD pattern of the Ti;SiC,
sample. The data indicates that the major phase of
the sample is MAX phase a-Ti;SiC,. The minor
secondary phases include TiC and TiSi,.

3x10*
af A(Cu Ka) = 0.154 nm
3x10 Polycrystalline
IQ TiasiC2/3CfSiC b
@ 2x10*f S TSC: 34(2) nm ]
= o SiC: 23(3) nm ]
o D= ]
S ox10'F TlIg ]
> = ISP S ]
i 4 Ié = 8§ ]
< 1x10° | =T |Fd& S
2 g 352 |55 e =]
IS F 8 Fa2 = S ]
5x10°F o 3 = =
2 2 B
2
0 T T T T
30 40 50 60
26 (degree)
Figure 12. XRD pattern of a dual-phase
nanocomposite  Ti3SiC,/3C-SiC ~ with  average
crystallite sizes of 34 nm for Ti;SiC, and 23 nm for
3C-SiC.
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Figure 13. XRD pattern of a polycrystalline
Ti3SiC, plate cut and polished from a hot-pressed
bulk ingot (inserted optical image).
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4.2 lon Implantation and Thermal Annealing

Implantation of 400 keV '’Ag*" in Ti;SiC,/3C-SiC, CVD 3C-SiC and 6H-SiC was conducted 7° off
normal to ion fluence of 2.8x10'° Ag*/cm® at 873 K at INNOVION, California. The results from full-
damage cascade SRIMO3 simulations [66] for SiC and TisSiC, give the atomic percentages of the
implanted Ag at the profile peak maxima are 3.5 at.% and 3.7 at.% with FWHM of 81 and 74 nm in
Ti3SiC, and SiC, respectively. The simulations also suggest a dose of 110 dpa at the damage peak (70 nm
deep) in Ti3SiC, and 84 dpa at the damage peak (87.5 nm deep) in SiC. For the dual-phase nanocomposite
of Ti3SiC,/3C-SiC, the values are between the two respective limits. Elevated temperatures were used for
the ion implantations to minimize lattice damage in Ti;SiC, and SiC. Beam rastering systems were
employed to achieve uniform implantation.

2.0 MeV "7Au’" ion implantation in Ti;SiC, was performed using an NEC 9SDH-2 pelletron 3.0 MV
electrostatic tandem accelerator within the Environmental Molecular Sciences Laboratory (EMSL) at
PNNL. The Au®" ions were implanted at normal incidence to 1.0x10'® Au*"/cm” at temperatures ranging
from 230 to 873 K, corresponding to 60 dpa at the peak maximum (198 nm deep).

1.0 MeV '#Cs"" jons were also implanted 7° off normal to 5.7x10'® Cs"*"/cm” (239 dpa at peak) at
673 K using a 320 kV high-voltage platform with an ECR-ion-source for highly charged ions at the
Institute of Modern Physics (IMP), Chinese Academy of Sciences. According to the SRIM03 simulation
results, the atomic percentages of 0.81 at.% Au and 4.0 at.% Cs at the profile peak maxima were
estimated at their respective ion fluences. The corresponding FWHM is 133 nm for the Au peak and 162
nm for the Cs peak.

The Ag2+ ion implanted samples at 873 K were furnace annealed at 1073 and 1273 K for 120 min at
each temperature under flowing Ar gas conditions. In-situ isothermal annealing in vacuum (10 Torr) at
1073 K was performed for the Cs"" implanted Ti3SiC, for durations from 5 to 120 min; in-situ isochronal
annealing in vacuum for 30 min at each temperature was also conducted over the temperature range from
723 to 1073 K. Additional furnace annealing at 1173 K for 30 min was carried out under flowing Ar gas
conditions. The ion implantation and thermal annealing conditions are given in Table 4.

4.3 Sample Characterization

Rutherford backscattering spectrometry or non-RBS (resonant RBS) of 2.0 or 3.0 MeV He" ions at a
scattering angle of 150° was performed near room temperature to measure the depth profiles of the
implanted species in the materials. RBS along the <0001> axial channeling direction (RBS/C) in the Ag*
implanted 6H-SiC single crystal was used to determine the level of lattice disorder and the substitutional
fraction of the implants in the crystal lattice. The RBS/C and micro-XRD measurements were repeated
under the same conditions for the annealed samples and the as-implanted samples at different
implantation temperatures to study the behavior of implants and structural changes. In addition, the
surface morphology of the Au®" ion implanted Ti;SiC, was examined using HIM under the secondary
electron mode at the He ion energy of 30 keV.

4.4 Diffusivity Results
441 Ag2+ lon Implanted 6H-SiC, CVD 3C-SiC, and Ti;SiC,/3C-SiC

2.0 MeV He" RBS/C measurements for 6H-SiC before and after Ag”” ion implantation were
performed at room temperature along the <0001> axis. '°’Ag was used as surrogate for fission product
""MA g in this study. The Ag peak shows a Gaussian distribution and is well resolved from the SiC
spectrum. The results suggest that noticeable Ag diffusion did not occur during implantation in 6H-SiC at
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873 K. This is an expected result and is consistent with our previous observations of immobile Ag in SiC
below 1573 K [34].

Figures 14a and 14b show the RBS spectra for the Ag”" ion as-implanted CVD 3C-SiC and
Ti3SiC,/3C-SiC nanocomposite, respectively. From Figure 14a, Ag diffusion did not occur during
implantation in the polycrystalline CVD 3C-SiC at 873 K, indicating that the grain boundaries in the
sample did not provide a faster path for Ag diffusion at the elevated temperature. The result agrees well
with our previous observation [34] that suggests that Ag is immobile in both crystalline and amorphous
SiC below 1573 K. The Si and Ag depth scales in Figure 14b are assumed to be about the same as in pure
SiC. In the Ag®” implanted nanocomposite TizSiC,/3C-SiC, Ag profile consists of two convoluted peaks:
a broad peak and a sharper peak. The broad peak corresponds to immobile Ag in 3C-SiC, while the
sharper peak is due to the Ag accumulation on the sample surface as a result of Ag outward diffusion in
Ti3SiC, within the nanocomposite during ion implantation at 873 K. Similar results for the Ag diffusion
in Ti3S1C, at 873 K have never been reported in the literature to the best of our knowledge. It remains to
be further investigated to develop the diffusion mechanisms in MAX phases and understand the roles of
grain boundaries as well.
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Figure 14. (a) 2.0 MeV He" RBS spectra for (a) a polycrystalline CVD 3C-SiC and (b) a Ti;SiC,/3C-
SiC nanocomposite implanted 7° off normal with 400 keV Ag*" at 873 K to 2.8x10'% ions/cm”. The Ag
peak shown in (b) is due to out-diffusion of Ag to the surface of the Ti;SiC,/3C-SiC nanocomposite.

During the thermal annealing, further Ag diffusion and accumulation at the newly formed interface
were observed. Subsequent annealing at 1273 K for 120 min led to more extensive Ag out-diffusion and
release. In addition, the thickness of the surface layer was slightly reduced with some C concentration. In
contrast, Ag was observed to be immobile in SiC under the thermal annealing conditions up to the highest
temperature applied (1273 K).

4.4.2 Au* lon Implanted Ti;SiC>

While Ag*" ion implantation was not performed in Ti;SiC, due to a lack of samples at the time, the
experiments on the dual-phase nanocomposite Ti3;SiC,/3C-SiC suggested Ag outward diffusion in Ti3SiC,
during ion implantation at 873 K, as discussed above. Similar to noble metal Ag that does not form
chemical bonds with the atoms in the host, an in-situ study of Au diffusion in polycrystalline Ti;SiC, was
conducted as a function of implantation temperature. The implanted samples were subsequently analyzed
in situ near room temperature using 3.0 MeV He’ RBS. The RBS data are shown in Figure 15, with
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elements Au, Ti and Si on the sample surface

indicated by arrows. The two vertical dashed i . 3.0 MeV He™ RBS at 150°
lines show the depth region of the implanted 2000 [ | Ti;SiC, i
— 2+ 16 . 2

Au and the horizontal dotted lines represent £ 2.0MeV Au™, 1x10 " ionsfcm
the shifted axes for the RBS spectra. From 3 1500:
Fig. 15, the Au peak position, width and % i
shape do not change up to 673 K, suggesting @ r
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remains unchanged. There is an extensive Au
out-diffusion in TizSiC, during implantation
at 873 K. Au accumulation on the surface is
clearly visible. The result is similar to the Ag
outward diffusion observed in the dual-phase
nanocomposite of Ti;SiC,/3C-SiC  during
implantation at 873 K (Figure 14b).
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Figure 15. A sequence of in-situ 3.0 MeV He" RBS
spectra for a polycrystalline Ti;SiC, implanted with
2.0 MeV Au”" at various implantation temperatures
to the same ion fluence of 1.0x10'° jons/cm’.

The stable isotope '**Cs was implanted as a fission surrogate for "*’Cs to study its diffusion behavior
in MAX phase Ti;SiC,. The ion implantation was performed 7° off normal with 1.0 MeV Cs"*" at 673 K
to an ion fluence of 5.7x10'° ions/cm’. 3.0 MeV He" ion RBS was used to measure the Cs depth profile in
the as-implanted sample. Both isochronal and isothermal annealing experiments were followed to study
Cs diffusion as a function of annealing temperature and duration using in-situ RBS method. The data for
the 30-min isochronal annealing at temperatures from 723 to 1073 K are shown in Figure 16, which
includes the Cs, Ti and Si spectra to study their evolutions. Also included in the figure is the data for the
as-implanted sample at 673 K. The Cs peaks are

zoomed in by a factor of 3 for clarity. Apparently, Si Depth (nm)

< ar . 500 0 -500 -1000 -1500
the RBS spectra of Ti;SiC, did not change under — —
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intensity. The original Gaussian peak becomes
two convoluted peaks with the stronger one closer

Figure 16. 30 min isochronal annealing of a
polycrystalline Ti;SiC, implanted with 1.0 MeV
Cs"”" at 673 K to an ion fluence of 5.7x10'
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Further annealing of the sample at 1023 and 1073
K resulted in diminishing diffusion and loss of Cs, as shown in Fig. 16. At the end of the thermal
annealing at 1073 K for 30 min, about 50% Cs was released from the implanted Ti;SiC,.

Isothermal annealing at 1073 K was performed in vacuum (10 Torr) for durations ranging from 5 to
120 min. The in-situ RBS data are shown in Figure 17. The as-implanted sample shows a small peak that
is barely seen, which could originate from some surface Cs. There is a small change in the Cs depth
profile after 5 min annealing. It appears that the Cs tends to diffuse towards the surface, but accumulation
of Cs on the surface is not evident, which is consistent with the data in Fig. 17. The overall reduction in
the peak intensity or Cs loss is ~10% at 5 min. A more significant Cs loss of ~30% relative to the total
implanted Cs occurred at 15 min, followed by a total Cs loss of ~40% at 30 min, which is statistically not
very different from the percentage (~50%) of Cs released after 30 min isochronal annealing at 1073 K
(Fig. 16). Further annealing for longer durations up to 120 min does not lead to a significant change in the
Cs depth profile.
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5.0 Modeling and Simulation

Absent a material to measure, computational models can be used to study effects of microstructure
and phase content on mechanical and thermal properties, which are two properties of great interest for this
NEET project. PNNL had already developed a powerful modeling methodology, an Eshelby-Mori-
Tanaka Approach (EMTA) that could be used to model both the mechanical and thermal properties of
composites. Therefore, efforts were made to model the mechanical properties of SiC-based alloys
containing CNTs in order to understand the limitations of CNTs as reinforcements and to create a
framework that could encompass the use of CNT mats as they are developed. In addition, the thermal
properties of materials containing second phases and porosity were modeled using a similar approach [69-
71].

5.1 Prediction of Elastic Properties of Composites Containing CNTs

Reinforcing a ceramic matrix with dispersed nanoparticles or carbon nanotubes (CNTs) at moderate
volume fractions can achieve significant increases in elastic moduli for the resulting composite. These
increases are higher than those obtained with the use of conventional fibers. The so-called nano-effect
from the existence of an interphase between the nano-reinforcement phase and matrix material is
responsible for the significant enhancement of the composite elastic moduli. In this work, a PNNL
computer tool named EMTA for the computation of the composite thermoelastic properties [72] was
modified to account for the nano-effect in multiwall carbon nanotube (MWCNT) composite. Figure 18
gives a schematic description of the EMTA computation procedure for MWCNT composites. The
computation considers the unidirectional (UD) composite containing aligned single- or multiwall CNTs
(Figure 18a) from which the first EMTA homogenization is performed to obtain the homogenized elastic
stiffness of the CNT/interphase system (Figure 18b). Next, the second EMTA homogenization is carried
out to determine the elastic stiffness of the UD composite containing aligned equivalent fibers and
embedded in a matrix material (Figure 18c). Finally, the fiber orientation averaging technique [73] is
applied to compute the elastic stiffness of the as-formed composite having a fiber orientation distribution
(Figure 18d).
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Figure 18. Schematic of the EMTA Homogenization Procedure

Figure 19 presents EMTA predictions compared to measured data [74] for the shear modulus of a
MWCNT/3YSZ (3 mol% yttria stabilized zirconia) system as a function of the MWCNT volume fraction.
This composite system was processed by spark plasma sintering [74]. The results show that dispersing
small MWCNT contents in 3YSZ has significantly increased the shear modulus of the as-formed
composite, and a good agreement between the predicted and measured moduli is obtained using the
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EMTA model with interphase. It is noted that the difficulty to homogeneously distribute higher MWCNT
contents in the matrix has limited the increase in modulus, and that explains the deviation between the
predicted and experimental results for higher MWCNT volume fractions.
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Figure 19. Measured and Predicted Shear Modulus for a MWCNT/3YSZ System as a Function of
MWCNT Volume Fraction. The experimental results are from Mazaheri, Mari [74].

5.2 A Mechanistic Damage Model for MWCNT Ceramic Composites

We have developed a mechanistic damage model to describe matrix cracking in MWCNT ceramic
composites. The model derived from a model for glass-ceramics developed by Nguyen, Koeppel [75] is
termed “mechanistic” as its formulation uses both micromechanics and continuum damage mechanics. It
assumes elastic MWCNTs completely randomly dispersed in a ceramic matrix whose cracking behavior
is described by a continuum damage description. The damage model has been implemented in EMTA-
NLA, a PNNL’s capability used with the ABAQUS finite element (FE) package for nonlinear structural
analyses [76]. The details of this damage model and its implementation are reported in our article in
preparation.’

Figure 20 presents the stress/strain responses as a function of the MWCNT weight fraction predicted
by the damage model for this composite system subjected to tensile loading to failure. The experimental
stress/strain curves are not known. The predicted increase in tensile strength is substantial for the
composite with 5-wt% MWCNT (12.4% volume fraction). As observed for the elastic moduli it is
expected that the actual strength (if available) would be lower than the predicted strength for this value of
MWCNT content because of the difficulty to homogeneously distribute MWCNTs in the matrix.

(1) Nguyen BN, et al. 2013. “Fracture Toughness Prediction for MWCNT Reinforced Ceramics Using a Modified
Boundary Layer Modeling Approach. In preparation.
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Figure 20. Tensile Stress/Strain Response Predicted for MWCNT/3YSZ as a Function of the
MWCNT Weight Fraction

5.3 Fracture Toughness Prediction for MWCNT Reinforced Ceramics

The damage model developed for MWCNT reinforced ceramics was used in a modified boundary
layer (MBL) modeling approach to predict the composite fracture toughness under Mode I loading. The
MBL analysis can be efficiently used to characterize the material fracture toughness and crack resistance
behavior without modeling the whole structure with the associated boundary conditions. These, however,
are represented in an MBL model through the asymptotic crack-tip fields. For the MWCNT ceramic
composites studied in this report, the MWCNTs are assumed to be completely randomly distributed in the
ceramic matrix; thus, the homogenized behavior is isotropic, and the crack-tip fields for a crack in an
elastic isotropic solid are then used as the remote boundary conditions for the MBL analysis. The
composite behavior away from the process zone remains linear elastic. Under increasing loading applied
via boundary conditions, damage evolves at the crack tip until attaining a critical stage characterized by
the critical value of the damage variable. The critical damage stage represents the onset of crack
propagation in the damage process window, and the corresponding value of K at this stage defines the
material Mode I fracture toughness, K. The critical value of the damage variable at failure has been

identified to be 0.2 for all the MWCNT/3YSZ composites studied in this report.'

Similar EMTA-NLA/ABAQUS MBL analyses using the damage model were performed for all the
MWCNT/3YSZ composites with weight fractions from 0.04% to 1% (volume fractions from 0.1% to
23%) to predict the fracture toughness of this composite system as a function of the MWCNT content.
Predicted fracture toughness results are reported in Figure 21 that shows significant increases in fracture
toughness with the increasing MWCNT volume fraction up to about 15%. The predicted evolution
appears to saturate for volume fractions higher than 15%. The predicted fracture toughness for MWCNT
volume fractions agrees well with experimental results also given in Fig. 21.

(1) Nguyen BN, et al. 2013. “Fracture Toughness Prediction for MWCNT Reinforced Ceramics Using a Modified
Boundary Layer Modeling Approach. In preparation.
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Figure 21. Predicted and Experimental Mode I Fracture Toughness vs. MWCNT Volume Fraction for
the MWCNT/3YSZ Composites. The experimental results were determined by Mazaheri et al. [74] via
bending tests of single edge V-notched beam specimens.

Cracks can propagate further in the process window after initiation if the loading is increased. The
present MBL analysis was also used to predict the stress intensity factor vs. crack advance (R-curve) as a
function of the MWCNT content. The R-curves were also predicted by the MBL analysis for the other
MWCNT/3YSZ composites with weight fractions from 0.04 to 5% and the results are reported in Figure
22. For the extent of the crack advance predicted, all the predicted R-curves can be fitted quite well by a
power-law of the form:

KIR =kCa (2)

where KIR is stress intensity factor after the onset of crack propagation and c is the crack advance. k and

o are the fitting coefficients. Although the experimental R-curves for the MWCNT/3YSZ composites
studied in this report are not known, the predicted power-law trend was experimentally observed in other
ceramic composite systems [77-79]. Table 5 gives the values of k£ and a obtained from the fitting of the
MBL analysis results by the power-law.

Table 5. R-curves Power-Law Coefficients Identified for the MWCNT/3YSZ Composites

MWCNT Content 0.05-wt% 1.5-wt% 3-wt% 5-wt%
¢o (m) 1.5E-5 1.5E-5 1.5E-5 1.5E-5

k (MPa.m'"*.m™) 13.93 14.82 18.1 19.22
a 6.73E-2 6.59E-2 7.74E-2 7.34E-2
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Figure 22. Predicted Stress Intensity Factor vs. Crack Advance for the MWCNT/3YSZ Composites as
a Function of MWCNT Content.

5.4 Prediction of Thermal Conductivity of Composites

The PNNL EMTA approach makes use of the complete analogy between the variables used in
elasticity and those in steady-state heat conduction established by Hatta and Taya [80], which allows the
use of the formulation established for the elastic stiffness of a unidirectional (UD) composite using the
Eshelby equivalent inclusion method to obtain the expression for the composite thermal conductivity by
switching the variables as follows:

Stress, o <> Heat flux, g,
Strain, &; <> Temperature gradient, VT

Stiffness, C;;, €= Thermal conductivity, £

A large body of literature on micromechanical models exists addressing the prediction of elastic
properties of non-dilute aligned fiber composites. In particular, there is a family of models that has
evolved from a proposal initially made by Mori and Tanaka [81]. To date, Eshelby’s equivalent inclusion
method [82] combined with a Mori-Tanaka type model presents one of the most efficient and accurate
approaches for the prediction of composite properties [83].

The thermal conductivity tensor of a UD composite with a fiber length distribution is computed as:

. ﬁok*(l/d) p(D)dl
[ pal

(6)

where K (//d) is the thermal conductivity tensor of the UD fiber composite having the fiber aspect ratio
l/d, and p(I)dl is the probability density function that can be expressed for number or weight of fibers

versus fiber length, /.
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If the composite possesses a fiber orientation state achieved during processing, its thermal
conductivity tensor also depends on its fiber orientation distribution. To account for fiber orientation
effects, the fiber orientation averaging technique developed by Advani and Tucker is used [73]. The
thermal conductivity tensor of the composite with distributed fiber orientation is obtained as:

ky = kya,+k,8, )

where k, =k, —k,, and k, = k,,are the invariants of the thermal conductivity tensor for the UD

composite given by Eq. 6 for a composite with a fiber length distribution. a, is the second-order

orientation tensor as defined in Ref. [73] with g, = 1.

5.4.1 Prediction for a 2D-Hi-Nicalon™/Pyrolitic Carbon/ICVI-SiC Composite

The first application example in this section examines the commercial two-dimensional (2D) SiC/SiC
composite studied by Youngblood et al. [84, 85]. DuPont processed this material from plain weave Hi-
Nicalon fabric using an isothermal chemical vapor infiltration (IVCI) processed matrix. Two versions of
this composite were examined in [84] including one with a 0.11-micron-thick and one with a 1-micron-
thick pyrolytic carbon (PyC) fiber coating layer, termed thin and thick, respectively. Figures 23a and 23b
show EMTA predictions for the thermal conductivities of the equivalent fibers that have thin or thick
coating layers. As the thermal conductivity of the PyC coating layer in the 10-30 W/m+K range is higher
than the thermal conductivity of the SiC fiber, increasing the thickness of the fiber coating layer
significantly increases the thermal conductivities of the equivalent fiber (homogenized fiber/coating
material). When the fiber-coating layer is thin, its increased thermal conductivity has little effect on the
thermal conductivities of the equivalent fibers.

15

12—

< 9 /A/—_—R\'\

£

: [ PR

T - 7/ /:;::::::;:;:::—;_3____

aIe T3
o

— —a— — Thin coating, k=10 W/mK
— —— — Thin coating, k. =20 W/mK
Thin coating, k=30 W/mK
———=—— Thick coating, k =10 W/mK
———— Thick coating, k =20 W/mK
——=—— Thick coating, k =30 W/mK

w

A B e

IR T T IS T S M

TR L TR
200 400 600 800 1000
Temperature (°C)

(a)

(=}

25



15 — —a— — Thin coating, k=10 W/mK
— —=— — Thin coating, k =20 W/mK
v Thin coating, k =30 W/mK
——=—— Thick coating, k=10 W/mK
———— Thick coating, k =20 W/mK
———=—— Thick coating, k =30 W/mK

12

(W/mK)

ef
33

k

== ===

ef -
[e2)
T
N
W
\\
{
|
#
|
|
!
il
!
i
I
4l
Il
[l
il
]\
{
I

Kz
AN

200 &0 00 1000
Temperature (°C)
(b)
Figure 23. Thermal conductivities of the equivalent fibers predicted by EMTA for the fibers with thin
and thick coating layers.

The thermal conductivities of the equivalent fibers based on thin and thick coating layers were then
used in the EMTA homogenization to compute the thermal conductivities of the 2D woven SiC/SiC
composites [84]. Figure 24 reports the thermal conductivities predicted by EMTA for the 2D SiC/SiC
woven composite with the thin fiber coating (0.1 micron). The evolution of the transverse thermal
conductivity with temperature given in Fig. 24b is in very good agreement with Youngblood et al.’s
experimental and predicted results for this composite [84, 85].

DuPont 2D Hi-Nicalon™/PyC/ICVI-SiC Composite (Thin Coating)

20 —

-
(%))

EMTA Predictions

k,,=k,, (k. =10 WmK)
k,=k,, (k. =20 WmK)
k,=k,, (k. =30 WmK)

|

Thermal Conductivity (W/m.K)
>
T

y

I T T T Y IS T S Y Y S S |
0O 200 400 600 800 1000

Temperature (°C)

(a)

26



DuPont 2D Hi-Nicalon™/PyC/ICVI-SiC Composite (Thin Coating)
20

15

10

ky, (k= 10 W/imK)
——— k,, (k, = 20 W/mK) EMTA Predictions
kyy (k, = 30 W/mK)

= k,, - Youngblood et al. experimental

Transverse Thermal Conductivity (W/m.K)

L L L L

0 L

| | | |
400 600 800 1000

Temperature (°C)

(b)
Figure 24. Thermal conductivities predicted by EMTA for the DuPont 2D SiC/SiC woven composite
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thermal conductivity k., compared to Youngblood et al.’s experimental results [84].

5.4.2 Prediction for a 2D-Hi-Nicalon Type-S/PyC/ICVI-SiC Composite

This composite was made using the ICVI process with Hi-Nicalon Type-S fabric and a thin PyC fiber
coating [86]. The mean fiber diameter and thickness of the fiber coating are 12 microns and 0.2 micron,
respectively. The EMTA analysis for the 2D Hi-Nicalon Type S/ICVI-SiC composite was conducted as
follows. The same value of k, =10 W/mK estimated for the thermal conductivity of the PyC fiber

coating for ICVI processed composites was used in the computation. Because the experimental thermal
conductivity data as a function of temperature for the SiC matrix of the 2D Hi-Nicalon Type S/ICVI-SiC
composite are not available, the EMTA calculation for this composite was first conducted using the
values for the SiC matrix in the DuPont 2D-Hi-Nicalon™/ICVI-SiC composite having thin fiber coating.
The Hi-Nicalon Type-S fiber thermal conductivity as a function of temperature was provided in [86].
Next, a further assessment of the matrix thermal conductivity as a function of temperature can be
achieved by applying the EMTA reverse engineering procedure to determine the matrix thermal
conductivity for the Hi-Nicalon Type S fiber composite. Figure 25 presents the results obtained by EMTA
reverse engineering compared to the predictions for the same 2D Hi-Nicalon Type-S/ICVI-SiC composite
using the (assumed) initial guess values for the matrix thermal conductivity.
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Figure 25. Transverse thermal conductivities predicted by EMTA for the 2D Hi-Nicalon Type-
S/PyC/ICVI-SiC composite as a function temperature using the assumed and adjusted matrix thermal
conductivities — The symbols denote Youngblood experimental results [87].

5.5 Prediction of Thermal Conductivities for Irradiated SiC

The EMTA computation is extended using MD data to include irradiated SiC materials and SiC/SiC
composites by treating the individual composite constituents. SiC constituents considered are CVD-SiC,
nearly stoichiometric SiC fibers, and an ICVI-SiC matrix. The thermal conductivity of CVD-SiC is not
used in the EMTA computations but this material is used as a reference material to estimate the thermal
conductivities for other SiC constituents. This section describes the computational methods to predict the
thermal conductivities of unirradiated and irradiated SiC constituents.

5.5.1 Prediction of thermal conductivity for unirradiated SiC constituents

Thermal conductivity data for polycrystalline CVD-SiC in the 80K-to-300K-temperature range were
experimentally determined Collins et al. [88]. Below 200 K, these authors observed a linear dependence
of thermal conductivity with the product, d-T° (with d being the grain size, and T temperature), and this
was explained in terms of phonon scattering by grain boundaries. In this paper, we extend the linear
dependence of the thermal conductivity of polycrystalline SiC with d-T° to the elevated temperature
range of interest (from 300 K to 1200 K). As the thermal conductivity of SiC in this temperature range is
governed by both grain boundary and phonon-phonon interaction umklapp scattering mechanisms, such

an extension suggests that there is an equivalent grain size, d ¢ With grain boundary scattering producing

an equivalent thermal resistance equal to the total contributions from the actual grain boundary scattering
and umklapp scattering.

In addition, the experimental thermal conductivity data for CVD-SiC as a function of temperature is
used to determine grain size reduction factors. Next, Collins et al.’s relation is used to estimate the
equivalent grain sizes of other SiC constituents at 300 K, and this relation together with the as-determined
grain size reduction factors are applied to compute the thermal conductivities of all the SiC constituents.
For the ICVI-SiC matrix material, we also assume that it has the same grain size as the Hi-Nicalon Type-
S fiber and contains 12% void volume fraction. The experimental data for the Tyranno-SA and Hi-
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Nicalon Type-S fibers were taken from Refs. [89] and [87], respectively, while the data for the ICVI-SiC
matrix were taken from [84].

5.5.2 Prediction of thermal conductivity for irradiated SiC constituents

Subject to neutron irradiation in the temperature range considered, thermal conductivities of SiC
constituents degrade more or less rapidly due to accumulations of point defects that depend on the
microstructural features of the polycrystalline SiC. Grain size is one of the key controlling factors of
thermal conductivity degradation. In order to capture the physics of conductivity degradation in SiC, this
paper exploits the available MD results obtained for perfect crystalline B-SiC in terms of defect
concentration as a function of dose, and volume swelling as a function of dose and links MD data to the
experimental data for volume swelling as a function of dose obtained for CVD-SiC. As a result, defect
thermal resistance as a function of defect concentration or dose can be determined to compute the thermal

conductivity of SiC constituents using Snead’s expression [90]: 1/ K, =1/K, -1/K . where Ki, and

unirr

K denote the thermal conductivities of the irradiated and unirradiated SiC constituents. K for
different SiC constituents are provided in Figure 26.
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Figure 26. Thermal conductivities predicted for unirradiated SiC constituents based on the
experimental data for CVD-SiC [91] and by the application of Collins et al.’s relation [88] in the elevated
temperature range.

First, from MD swelling data, a single-point scaling is applied to the experimental data for CVD-SiC
to estimate the swelling vs. dose behavior for CVD-SiC at 473 K and 1073 K. Next, Crocombette et al.’s
data [92, 93] as well as Samolyuk et al.’s MD results [94] were converted from defect density data as a
function of thermal conductivity to defect thermal resistance as a function of defect density (expressed in
atom fraction, Cy). In addition, the Gao et al. MD swelling results [95] scaled to the experimental data for
CVD-SiC are also used together with MD results for the number of point defects to determine the defect
thermal resistance as a function of defect density.

Figure 27 shows the thermal conductivities of irradiated SiC constituents as a function of irradiation
dose at 473 K and 1073 K. All the thermal conductivities decrease with increasing does and stabilize
corresponding to defect saturation, however the reduction is more important at 473 K than at 1073 K.
These findings are consistent with the experimental observations as point defects can accumulate at
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higher concentrations at lower temperature than at higher temperatures due to either small cluster
formation or close-pair recombination at elevated temperatures.
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Figure 27. Thermal conductivities vs. irradiation dose predicted for SiC constituents at 473K in (a)
and 1073 K in (b) using the computed thermal resistance results at this temperature.

5.5.3 Prediction of Thermal Conductivity for Irradiated SiC/SiC Composites

The thermal conductivities predicted for unirradiated and irradiated SiC constituents are used as
inputs for EMTA computations to predict the thermal conductivities of unirradiated and irradiated woven
SiC/ICVI-SiC composites. For illustration, we consider composites processed from 2D woven preforms
of Tyranno-SA or Hi-Nicalon Type-S fibers with an ICVI-SiC matrix. Both fibers were assumed to have
10-micron diameter and 200 nm-thick PyC coating. The fiber volume fraction in both composite systems
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is 33%, and the porosity was assumed to be 12%. These microstructural features correspond to typical
parameter values achieved for SiC/SiC composites in practice.

The model predicts an increase in irradiated thermal conductivity with temperature at defect
saturation, and this finding is consistent with the experimental trend as illustrated in Figure 28 for the
Tyranno-SA composite. Fig. 28 reports the predicted irradiation temperature (IT) thermal conductivity for
the studied Tyranno-SA/ICVI-SiC composite at 0.1 dpa and 473 K, and at 0.5 dpa and 1073 K. MD data
converted to defect thermal resistance vs. vacancy concentration are also applied to compute the thermal
conductivities of the Tyranno SA fiber and ICVI-SiC matrix at 473 K and at C, = 0.05. The
corresponding results are then used in EMTA to predict the thermal conductivity of the Tyranno-
SA/ICVI-SiC composite that is also presented in Fig. 28. The experimental room temperature (RT)
thermal conductivity data for the Tyranno-SA3/ICVI-SiC studied by Katoh et al. [96] are presented on
Fig. 28 for a qualitative comparison with the predictions.

It is noted that the comparison of results on Fig. 28 can only be qualitative because the MD combined
with EMTA results are determined at irradiation temperatures while Katoh et al.’s data for the Tyranno-
SA3 composite were obtained at room temperature. In addition, the computation in this paper applies the
same defect thermal resistance vs. dose relationship to different SiC constituents, and future work is
needed to investigate grain size effects that underlie such an assumption. Finally, there are microstructural
differences between the Tyranno-SA3 composite examined by Katoh et al. and the Tyranno-SA
composite example considered in this paper. Tyranno-SA3 composites in [96] possessed a complex
multilayer PyC/SiC coating and impurities while our Tyranno-SA/ICVI-SiC model contains a simple PyC
coating.

20 - ——— Scaled MD & EMTA 20
L} Crocombette et al. MD & EMTA
* Samolyuk et al. & EMTA

—=—-=== RT Experimental (Katoh et al.) 16

12

IT Thermal Conductivity (W/m.K)
RT Thermal Conductivity {W/m.K)

LI S O S O S ) B B B Y B O B |

PR T T N T N S ST T Y S N NN MR N |

oo e b e b b b

200 400 600 800 1000 1200 1400
Irradiation Temperature (K)

Figure 28. Irradiation temperature (IT) thermal conductivity vs. irradiation temperature predicted by
MD/EMTA for the example Tyranno-SA/ICVI-SiC composite compared to room temperature (RT)
thermal conductivity vs. irradiation temperature measured by Katoh et al. [96] for a Tyranno-SA3/ICVI-
SiC composite. Crocombette et al.’s as well as Samolyuk et al.’s MD data used in the computations are
from Refs. [93, 94].
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6.0 Conclusions

6.1 Thermal and Mechanical Properties with Microstructural Characterization

This report documents the synthesis of SiC-based alloys having a general structure of SiC/Ti3SiC,
dual phase composites formed by simultaneous polycarbosilane pyrolysis and Si + TiC displacement
reactions. To the best of our knowledge these are the first such dual phase composites made by combining
these two methods. Data for thermal conductivity and fracture toughness indicate that properties of these
composites are in agreement with what others have measured for similar materials that have been
synthesized by different methods, such as spark plasma sintering, for example. This is a positive result
and indicates that the polymer pyrolysis methods can be used to combine in situ displacement reactions
with CNT mats to make tougher composites than can be synthesized by combining SiC and Ti;SiC,
materials alone.

However, it must be noted that the synthesis methods used here have not yet been optimized and that
some of the correlations that were expected to be helpful in guiding these synthesis efforts are lacking.
For example, the porosity of the hot-pressed materials developed here continues to be significant even at
1800°C (2073 K) and 20 MPa pressure. This result is unexpected and may further limit achievable
properties unless fully dense materials can be synthesized. The porosity adds to the inhomogeneity of the
materials and increases the variability in measured properties.

For example, as shown in Figure 29, there is a noted lack of correlation between measured density
and thermal conductivity, which is unexpected given the known effects of porosity on thermal
conduction. The variability in thermal conductivity seen in Fig. 29 indicates that some other material
variable, perhaps percolation through one of the phases, is determining the thermal properties. If there
were a strong correlation between density and thermal conductivity then the phase volume fractions could
be adjusted to tune the conductivity and fracture toughness to optimum values.
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Figure 29. Plot of thermal conductivity as a function of sample density. There is a slight negative
correlation between density and conductivity that is unexpected. For the most part, however, this plot
shows a lack of a strong correlation since the fitted line has a correlation factor less than 0.3.
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Figure 30. Plot of fracture toughness (indentation method) as a function of sample density. Compared
to the lack of correlation for the thermal data this dataset does indicate a general improvement of
toughness with increasing density, which would be expected as porosity is decreased.

As is shown in Figure 30, fracture toughness data does show a better correlation with density as
increased sample density is positively correlated with an improvement in fracture toughness, which is
expected. As porosity is decreased mechanical properties will improve. The fracture toughness data
presented here, along with a model data for CNT toughening [97], also suggests that appreciable increases
in fracture toughness cannot be achieved using either compositing fabrication as shown in this report or
by homogeneously adding CNTs to such a dual phase composite. Rather, this research demonstrates that
additional toughening is required and that the development of CNT textured mats must be pursued.

6.2 lon Implantation and Fission Product Surrogate Diffusion

Implantation of 400 keV Ag”, 2 MeV Au’" and 1 MeV Cs"" ions were performed to ion fluences of
2.8x10' Ag®/em® (110 dpa for TisSiC, and 84 dpa for SiC) in a dual-phase nanocomposite of
Ti3SiC,/3C-SiC, polycrystalline CVD 3C-SiC, and single crystal 6H-SiC at 873 K, 1.0x10'® Au*"/cm? (60
dpa) in polycrystalline Ti;SiC, from 230 to 873 K, and 5.7x10' Cs""/em® (239 dpa) in polycrystalline
Ti;SiC; at 673 K, respectively. The Ag®” ion implanted nanocomposite and SiC were furnace annealed at
1073 and 1273 K for 120 min at each temperature in flowing Ar gas environment. Both isochronal and
isothermal annealing experiments were performed for the Cs"* implanted Ti;SiC, up to 1073 K and
duration of 120 min. Additional furnace annealing was conducted at 1173 K for 30 min. The implanted
and annealed samples were characterized using RBS at room temperature. In-situ RBS measurements
near room temperature were made for Ti;SiC, implanted with Au”" ions at temperatures ranging from 230
to 873 K. In addition, HIM and micro-XRD were also used to study the microstructures, phases and
implantation damage in Au’" ion implanted samples. The experimental results from this study are
summarized below:
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6.2.1 Ag2+ ion implanted Ti3;SiC,/3C-SiC dual-phase nanocomposite

* Ag is immobile in SiC up to the highest temperature (1273 K) applied in this study. However,
there is a significant outward diffusion of Ag in the MAX phase Ti;SiC, within the dual-phase
nanocomposite of Ti;SiC,/3C-SiC during Ag”" ion implantation at 873 K. Accumulation of the
diffusive Ag on the surface is observed.

* Post-irradiation furnace annealing at 1073 K in Ar for 120 min led to further Ag outward
diffusion; at 1273 K, more extensive Ag out-diffusion and release were observed.

6.2.2 Au*' ion implanted polycrystalline Ti;SiC

* The Au atoms appear to start diffusing in Ti;SiC, during implantation at 773 K. There is an
extensive Au out-diffusion in Ti;SiC, during implantation at 873 K. Au accumulation on the
surface at 873 K is observed.

* The 230 K implanted sample appears to exhibit different volume swelling between Ti;SiC, and
residual TiC. The swelling effect is still visible at 300 K, but becomes less pronounced. The
contrast gradually fades out with increasing temperature.

* A secondary SiC phase is present at 873 K. There is less residual damage produced at higher
temperatures during ion irradiation. A highly disordered lattice or an amorphized state near the
Ti3SiC, surface is likely resulted from Au* ion implantation of Ti;SiC, at 230 K.

6.2.3 Cs'* ion implanted polycrystalline TisSiC,

* Cs appears to be not very mobile in Ti;SiC, during implantation at 673 K and during post-
implantation thermal annealing up to 923 K.

* There is significant Cs diffusion towards the surface at 973 K with ~36% Cs released to vacuum
(10 Torr) after 30 min annealing; no evidence of Cs accumulation on the surface at 973 K is
found.

* Further annealing at 1023 and 1073 K resulted in diminishing diffusion and loss of Cs. About
50% Cs was released from the implanted Ti;SiC, at 1073 K for 30 min.

e After first 5 min annealing at 1073 K, Cs tends to diffuse towards the surface, but accumulation
of Cs on the surface is not observed. The overall Cs loss is ~10%.

* A more significant Cs loss of ~30% occurred at 15 min, followed by a total Cs loss of ~40% at 30
min. Further annealing for longer durations up to 120 min did not lead to a significant change in
the Cs depth profile in Ti;SiC,.

*  MAX phase TisSiC; is susceptible to oxidation and decomposition at 1173 K.

* After furnace annealing at 1173 K for 30 min in flowing Ar gas, the Ti;SiC; surface turned to be
mainly titanium oxide. The observation is consistent with a previous report that showed an outer
pure TiO; (rutile) layer and an inner layer comprising TiO; and SiO; (silica) after annealing in air
at 1373 K for 360 hrs.

The results from this study indicate that diffusion of Ag, Au and Cs in MAX phase Ti3SiC, occurs at
relatively low temperatures (773 — 973 K). Surface oxidation of Ti;SiC, takes place at slightly higher
temperatures (1073 — 1173 K). Because these temperatures are still low for the advanced high-
temperature reactor designs, this study may suggest caution in using Ti;SiC, as a fuel cladding material
for advanced nuclear reactors operating at very high temperatures. Further studies of impurity transport in
the related materials may be warranted based on the results of this study.
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6.3 Modeling and Simulation
6.3.1 Mechanical Properties

Models for elastic properties and damage by matrix cracking were developed and implemented in
PNNL’s EMTA and EMTA-NLA predictive tools [71, 76]. The damage model associated with a
modified boundary layer modeling approach [75] using ABAQUS has allowed us to efficiently predict
the composite toughness and crack resistance behavior. Predictions of elastic properties and fracture
toughness agree well with Mazaheri et al.’s experimental results [74]. The modeling results show that
homogeneously dispersing low to moderate contents of MWCNTs in a ceramic matrix leads to significant
increases in the mechanical properties of the as-formed composite, which has a 3D MWCNT orientation
distribution. However, the increase in strength and toughness saturates at high MWCNT contents and,
therefore, it is not possible to achieve the levels of fracture toughness needed for nuclear reactor
applications. Currently, we are working on remedying this limitation by making MWCNT mats with very
high volume fractions of MWCNTs. The MWCNT mats will be used in a lay-up similar to a laminated
composite. Such a microstructure would achieve higher Mode I fracture toughness, as the composite
would better sustain the crack opening stresses.

6.3.2 Thermal Properties

An Eshelby-Mori-Tanaka approach implemented in the PNNL-developed EMTA software was used
to predict thermal conductivities of SiC/SiC composites. The results show that, when perfectly bonded to
the fibers, thicker fiber coating layers with higher thermal conductivities than that of the fibers leads to
increased thermal conductivities for the composite. EMTA can be effectively used to identify the
interfacial thermal conductance by correlating predicted thermal conductivities with measured values for
a given composite. A reverse engineering procedure using EMTA is useful to determine the thermal
conductivities of the matrix material and of the fiber coating if the actual measured values are not
available or are unknown. A sensitivity analysis using EMTA to determine the fiber/matrix interfacial
thermal conductance effect indicates that increased thermal conductivities of the composite can be
achieved with increasing fiber volume fraction and interfacial thermal conductance. The results show that
EMTA is an efficient tool to tailor and optimize thermal conductivities of SiC/SiC composites for reactor
applications.

A combined MD-EMTA approach demonstrates that under certain regimes these disparate methods
can be efficiently applied to predict thermal conductivities as a function of radiation damage and
temperature. This was achieved here for the linear point defect swelling regime using vacancy
concentrations and irradiation doses for two typical SiC/ICVI-SiC systems made of Tyranno-SA and Hi-
Nicalon Type-S fibers. Future work will include the study of grain size effects and temperature on the
defect thermal resistance to further develop the MD method. The power of the method is that the
computed thermal defect resistance from MD data, Collins et al. thermal conductivity as a function of
grain size, and Snead’s definition of defect thermal resistance can be used to compute the thermal
conductivities of polycrystalline SiC, including CVD-SiC, ICVI-SiC and nearly-stoichiometric SiC fibers
in both unirradiated and irradiated conditions. The as-obtained thermal conductivities for SiC
constituents, which are essential to EMTA for predicting thermal conductivity of SiC/SiC composites, are
accurately predicted in the unirradiated state using the CVD-SiC data and grain size effects. This is a
promising result for future predictive work in SiC and SiC/SiC composites under irradiation.
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